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I. INTRODUCTION 
The primary goal of any study of the properties of 
metals and alloys should be to shed some light on the 
mechanisms which are responsible for the observed properties. 
This goal is of particular interest in the case of the body-
centered-cubic metals of groups 7a and Via, because their 
technology is still being developed. In the last ten years 
considerable effort has been expended in investigations of 
the mechanical properties of the unalloyed metals. Much of 
this effort was concentrated on studies of the brittle-ductile 
transition temperature, which may be defined as a narrow 
temperature range above which ductile fracture occurs and 
below which brittle fracture occurs in a mechanical test. It 
is suspected that interstitial impurity atoms are responsible 
for the brittle-ductile transition, but it has not been 
proved conclusively. Although a number of investigators have 
studied the low temperature mechanical properties of the 
unalloyed metals of groups Va and Via, there is a great need 
of information which aids in understanding the properties of 
the alloys. 
The present investigation was initiated as a study of 
the low temperature mechanical properties of body-centered-
cubic metals and alloys as a function of concentration of 
both substitutional and interstitial atoms. Niobium and 
vanadium were selected for this investigation because they are 
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available in quantity with satisfactory purity, and the 
equilibrium phase diagram shows complete solid solubility* 
Hydro g« i was selected as the interstitial element of interest 
for two reasons. Relatively little information is available 
to describe the effects of hydrogen on metals other than iron 
and steel, and previous investigations indicated that 
hydrogen has a pronounced effect on the mechanical properties 
of vanadium at low temperatures. The purposes of this 
investigation may be outlined in this manner: 
(1) To investigate the possible existence of a brittle-
ductile transition in vanadium-niobium alloys at 
low temperatures. 
(2) To study the effect of hydrogen on the mechanical 
properties of vanadium, niobium, and vanadium-
niobium alloys below room temperature. 
(3) To determine the mechanisms which are responsible 
for the observed effects. 
II. LITERATURE SURVEY 
A preliminary literature survey was directed toward 
experimental results and theories which pertain to the low 
temperature mechanical properties of metals in general, and 
the body-centered-cubic metals of groups Va and Via in par­
ticular. This information will be used to aid in under­
standing the low temperature mechanical properties of 
vanadium-niobium alloys. It was acknowledged in advance that 
the experimental results differ greatly because of variations 
in the impurity content of the unalloyed metals. The 
literature was then surveyed for references describing the 
effects of hydrogen on the low temperature properties of 
metals. 
If the mechanical properties of metals are to be 
compared, it is strongly recommended that the experimental 
results relate to the same type of test. The discussion in 
this section relates to unnotched tensile tests performed at 
a strain rate of approximately 0.01 inches per inch per 
minute, unless stated otherwise. This section contains many 
references to the behavior of dislocations in body-centered-
cubic metals. It is assumed that the reader is familiar with 
the standard texts in this field, but specific theories will 
be detailed when it is deemed necessary for a proper under­
standing of experimental results. 
A. Interaction of Impurity Atoms and Dislocations 
When the mechanical properties of metals are determined 
as a function of temperature, it is seen that the yield 
strength generally increases as the temperature decreases. 
Cottrell (15) has indicated that this behavior is due in 
part to the temperature dependence of the Peierls-Uaborro 
force and in part to the pinning of dislocations by impurity 
atoms. Only the temperature dependence of the locking of 
dislocations by impurity atoms will be treated in this 
discussion. 
Dislocation theory has shown that it is possible to have 
elastic (12), electrical (15)» chemical (44) 9 and geometrical 
(22) interactions between impurity atoms and dislocations. 
Cottrell (14) estimated that the elastic interaction is 
several times stronger than the electrical interaction in 
metals. The theories of elastic interaction are based on the 
distortion of the lattice by impurity atoms. Cottrell 
assumed that the distortion in body-centered-cubic and face-
centered-cubic lattices is spherically symmetrical, and he 
showed that the hydrostatic stress around an edge dislocation 
may be relieved by the migration of impurity atoms into the 
neighborhood of the dislocation. Nabarro (28) proposed a 
mechanism by which the shear and hydrostatic stress components 
of a screw dislocation may be relieved in a body-centered-
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cubic lattice. He suggested that the unit cells in a region 
of the lattice are distorted along one axis only by the order­
ing of interstitial impurity atoms. The Naborro mechanism 
does not apply to face-centered-cubic metals because non­
symmetrical lattice distortion cannot be produced by ordering 
of interstitial atoms. 
Cottrell (13) has shown that the interactions of 
impurity atmospheres and dislocations in b.c.c. metals should 
produce a sharp yield point which depends strongly on 
temperature. The temperature dependence is caused by two 
effects. First, the "Cottrell atmosphere" becomes more 
concentrated as the temperature is lowered, until the sites 
of strongest bonding are practically all filled by solute 
atoms. Second, fluctuations in thermal energy aid the 
escape of dislocations from condensed atmospheres, but the 
thermal fluctuations are much smaller at low tempe rature s. 
Cottrell's theory does not predict a strong temperature 
dependence for the yield point of f.c.c. metals, because 
impurity atoms do not interact strongly with screw dislocations 
in this type of lattice. 
B. Ductility Transitions in Metals 
It is well known that the literature relating to the 
mechanical properties of metals and alloys is quite complex. 
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This is particularly true for the metals of groups 7a and 
Via. The literature reports of brittle-ductile transitions 
are summarized in Table 1. 
Table 1. Reported values of brittle-ductile transition 
temperatures (Determined from tensile tests) 
Metal 
Crystal 
structure 
Approximate 
transition 
temperature Reference 
Or b. c . c. 31f?°C Pugh (33) 
W b. c • c # 200 Bechtold and Shewmon 
(7) 
Zn h.c.p. 50 Agnor and Shank (2) 
Mo b . c . c. 0 Bechtold and Scott (6) 
7 b . c. c . -100 Clough and Pavlovic 
(11) 
Nb b # c . c # -125 We s sel (i$.9) 
Fe b . c . c # -150 Oeil and Carwile (23) 
Sn b*c#t. -170 Magnusson and Baldwin 
(27) 
Cd h. c#p. -175 Magnusson and Baldwin 
(27) 
The results of investigations of the low temperature mechani­
cal properties indicated that a brittle-ductile transition does 
not occur for nickel (1^8), tantalum (5)> or zirconium (ij.8). 
There is apparent disagreement in the data reported for vana­
dium and niobium. Clough and Pavlovic (11) prepared 
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vanadium by reduction of vanadium pentoxide with carbon, and 
reported a brittle-ductile transition for this material. 
Loomis and Carlson (26) and Smith (41) prepared vanadium by 
the method of van Arkel and de Boer (ij.7), the iodide-hot 
wire process, and reported that iodide vanadium undergoes a 
ductile-brittle-ductile sequence below room temperature. 
Although Wessel (lj.9) reported a brittle-ductile transition 
for annealed niobium, Dyson et al. (21) did not find a 
ductility transition in niobium from -196 to 2ij.0°C. It is 
assumed that the literature reports do not agree because of 
differences in the impurity contents of the metals under 
investigation. 
The literature indicates that very little work has been 
done on the low temperature properties of alloys of vanadium 
or niobium. Loomis and Carlson (26) investigated the effect 
of substitutional and interstitial additions to vanadium. 
Their data are summarized in Figure 1, in which the 
transition temperature refers to the high temperature end of 
the due tile-brittle-ductile sequence. 
The literature contains few references to other non-
ferrous alloys. Abrahamson and Grant (1) determined the 
brittle-ductile transition temperatures of chromium alloys 
containing metal additions of less than 30 atomic per cent. 
It has been reported that beta brass retains some ductility 
at 2j°K (i|£). 
Figure 1• Effect of metallic and non-metallic alloying additions on the transition 
temperature of iodide-vanadium as reported by Loomis and Oarlson (21) 
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C. Modern Theories of Ductility Transitions 
A survey of the literature indicated that the majority 
of the body-centered-cubic metals of groups Va and Via appear 
to be susceptible to the conditions which are responsible for 
the brittle-ductile transition* This behavior is in contrast 
to that of the face-centered-cubic metals which apparently do 
not exhibit a ductility transition at moderate strain-rates. 
The differences in properties of b.c.c. metals and f.c.c. 
metals at low temperatures have been reviewed by Barrett (3), 
Wessel (I4.8), Tipper (MS)» and Rosenberg (39). The theory of 
Cottrell (13) predicts that the b.c.c. metals should show the 
stronger dependence of yield strength upon temperature. 
Experimental results indicate that as the temperature is 
lowered, the yield strength of a b.c.c. metal increases much 
more rapidly than the fracture strength. The metal eventually 
becomes brittle and fractures with little plastic deformation. 
Two of the most recent attempts to explain the brittle-
ductile transition were based on the increase in yield stress 
as the temperature decreases. Wessel (I4.9) assumed that some 
plastic deformation is a necessary prerequisite for brittle 
failure of metals, and proposed a mechanism to explain both 
abrupt yielding and the brittle-ductile transition. Wessel 
summarized this mechanism in the following terms; 
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(1) Prior to an abrupt yield or brittle fracture many 
. . dislocations move through, the lattice but are 
subsequently piled up at barriers. An appreciable 
amount of plastic strain is associated with the 
piling up of these dislocation groups. The 
magnitude of this plastic strain increases with 
decreasing temperature, reaching a maximum at the 
transition temperature, below which the plastic 
strain decreases with decreasing test temperature. 
(2) At temperatures above the transition temperature, 
abrupt yielding occurs when the stress concentra­
tions that are present in the vicinity of piled-up 
groups become sufficiently high to overcome the 
resistance to deformation and activate other sources 
in the adjoining material, triggering a general 
catastropic yielding. 
(3) At temperatures below the transition temperature, 
the resistance to plastic deformation is so great 
that the stress concentrations in some of the 
regions of piled-up dislocation groups become 
sufficiently high to initiate micro cracks in these 
areas. The achievement of these high localized 
stresses and the resulting formation of some 
microcracks together with some plastic deformation 
triggers a combined general catastropic yielding 
and crack formation, terminating in complete 
brittle fracture. 
This mechanism is in agreement with experimental results 
which show that pre-yield plastic strain reaches a maximum at 
the brittle-ductile transition temperature. 
Cottrell (15>) proposed two alternate mechanisms which 
should be considered as possible causes for brittle fracture 
in metals. For the case of polycrystalline metals he 
assumes that the actual break away from the impurity 
atmosphere should be considered to produce the yield point. 
The pre-yield plastic strain is due to premature yielding in 
small localized regions in the specimen. The dislocations 
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released in this manner pile up against grain boundaries, and 
the stress in the next grain due to the dislocation pile-up 
and the external stress is sufficient to pull the nearest 
dislocation away from its atmosphere, and the process 
continues in avalanche fashion. Brittle fracture might occur 
at this point due to the rapid spreading of a micro crack which 
was formed at the head of a dislocation pile-up. Cottrell 
proposed another mechanism which could operate in single 
crystals with a body-centered-cubic structure. He suggests 
that two dislocations gliding in slip planes may combine to 
form another dislocation with the resultant Buerger1 s 
vector lying in a cleavage plane. The dislocation will act 
as a wedge in the cleavage plane and will tend to force the 
atoms apart and start a crack. The crack will widen as it 
combines with additional dislocations• The brittle-ductile 
transition will occur when the yield point exceeds the stress 
necessary to spread the crack. 
D. Effect of Hydrogen on Steel 
Hydrogen embrittlement of steels was the subject of 
investigations by many laboratories. The literature relating 
to this problem was surveyed recently by Troiano (46), who 
reviewed the more important characteristic a of hydrogen 
present in steel or other metals. The most detrimental effect 
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caused "by hydrogen in steel is the reduction in fracture 
strength which is frequently observed. It is reported (21*.) 
that hydrogen embrittlement is unusual because it is not 
accompanied by an increase in the yield strength. The loss 
of fracture strength is most severe in the temperature range 
from 0° to 100°C, in which the solubility of hydrogen in 
iron is low but the diffusivity is still high. The classical 
theory (1*., 18) of hydrogen embrittlement is that hydrogen 
atoms initially dissolved in the metal lattice diffuse to 
cracks and other structural discontinuities and there 
precipitate as molecular hydrogen at high pressures, which 
acts with the external stress to cause premature fracture. 
The suggestion of high hydrogen pressure in equilibrium with 
dissolved hydrogen was made on the basis of Slevert* s Law 
and experimental results that indicate low hydrogen solubility 
at room temperature. The source of cracks in the metal is 
the pile-up of dislocations at grain boundaries and other 
barriers, according to Fetch (29), Stroh (43)» and others* 
Fetch (30) accepted the principle of interaction of 
hydrogen with micro cracks but proposed another mechanism of 
crack propagation. It was suggested that the basic step is 
the adsorption of hydrogen on the surface of the crack. 
Mathematical treatment showed that adsorption on the surfaces 
of micro cracks reduces the metal surface energy and permits the 
cracks to grow while the external stress is still below the 
fracture stress. Hill and Johnson (24) agree with the 
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mechanism as proposed by Fetch and offer some experimental 
verification. Empirical equations which related hydrogen 
content to pressure were found to follow the general form of 
the Freundlich equation (10), which describes surface 
adsorption as a function of pressure at constant temperature. 
Hill and Johnson further stated that high hydrogen pressure 
is not a necessary requirement for hydrogen embrittlement, 
and the surface adsorption mechanism may be used to explain 
hydrogen embrittlement in other body-centered-cubic metals. 
It was reported by Cracknell and Fetch (1?) and 
Rogers (36) that electrolytic charging with hydrogen will 
eliminate the upper-lower yield point in iron. This behavior 
was interpreted differently by various authors. Siede and 
Rostoker (lj.0a) suggest that hydrogen displaces carbon and 
nitrogen from dislocation centers to new stable sites farther 
from the immediate center of the dislocation lines. The 
effect of the displaced stable positions is to lower the 
atmosphere condensation temperature, above which no yield 
point is observed. The configuration of carbon and nitrogen 
atoms is changed only in degree, and the process of strain 
aging is unaffected by the presence of hydrogen. This 
argument is used to explain strain aging which occurs in 
hydro gen-charged iron after plastic deformation. 
The mechanism of Siede and Ro stoker was not acceptable 
to de Kazinczy (20) because the binding energy of hydrogen 
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to dislocations was calculated to be 0.2 eV compared to 0.5 eV 
for carbon or nitrogen. He suggested that a more probable 
arrangement is one with carbon and nitrogen at the sites of 
strongest binding and hydrogen at surrounding sites* In this 
case the strain aging phenomena would be unaffected by the 
presence of hydrogen. 
Sogers (38) advanced a different type of mechanism to 
explain the elimination of the yield point In steel by 
cathodic charging with hydrogen. It was proposed that 
cathodic charging creates local regions of plastically 
deformed metal which grow during a subsequent tensile test. 
The yield point would then return to the steel by nitrogen 
strain aging in the plastically deformed sites, whether or 
not hydrogen remained in the metal. Rogers suggested that 
this mechanism is supported by experimental results which 
indicate that hydrogen charging and aging raises the lower 
yield stress in a subsequent tensile test. The activation 
energy for the return of the yield point after hydrogen 
charging is the same as that for strain aging of the same 
material after plastic deformation. Siede and Rostoker 
(40b) did not accept the mechanism of Rogers because it does 
not explain the appearance of an upper-lower point in hydrogen-
charged steel at temperatures below the charging temperature. 
If Cottrell1 s theory of the interaction of dislocations 
and impurity atoms is accepted, it then is possible to 
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predict that hydrogen atoms interact with dislocations in a 
metal lattice. The literature apparently includes few 
references which report experimental verification of this 
particular interaction. Rogers (37) investigated hydrogen 
embrittlement in steel and concluded that Cottrell locking 
is not the mechanism responsible for the observed effects. 
It is generally accepted that the characteristics of 
hydrogen embrittlement are most pronounced at slow strain 
rates in the temperature range from 0° to 100°C. Brown and 
Baldwin (9) suggested that the ductility of hydrogen-
embrittled steel may be described by a three dimensional plot 
of ductility versus strain rate and temperature. It was 
postulated that four ductility surfaces exist, with each 
surface described by the change in ductility as a function of 
temperature at constant strain rate and the change in 
ductility as a function of strain rate at constant temperature. 
The four ductility surfaces are characterized in this 
manner: 
E. Temperature and Strain Rate Effect 
on Hydrogen Embrittlement 
Type I 
Type II 
17 
Type III < ° MD '"It ' b  < 0  
Type 17 ( 3D >$ > 0  M d  > 0  
"JR'T 
where D is ductility, R is the strain rate, and T is the 
absolute temperature. Only ductility surfaces I and 17 were 
experimentally observed by Brown and Baldwin, who suggested 
that the mechanism of high, hydrogen pressure in mi croc racks 
satisfies the criteria for Type I. It was suggested that 
Type I can be explained on the basis of competition between 
the strain rate and the rate of the embrittling process, but 
this cannot explain Type 17 unless the rate of the 
embrittling reaction decreases as the temperature increases. 
F. Effect of Hydrogen on 7anadium and Niobium 
The embrittlement of beta titanium by hydrogen has been 
the subject of a number of investigations, but this is 
apparently the only non-ferrous metal which has been studied 
extensively to determine the effect of hydrogen on the 
mechanical properties of body-centered-cubic metals. Roberts 
and Rogers (35) reported a duetile-brittle-duetile sequence 
at approximately 0°C for vanadium containing 1*20-580 ppm of 
hydrogen, but vanadium containing 30 ppm of hydrogen did not 
show a ductility transition. Magnusson and Baldwin (27) 
performed tests at several strain rates on vanadium containing 
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80 ppm of hydrogen and reported & ductility minimum at 
approximately -100°C. Loomis and Carlson (26) reported that 
a vanadium wire containing 270 ppm of hydrogen could not be 
bent at room temperature without fracturing, and it was 
suggested that hydrogen raised the brittle-due tile 
transition temperature above 23°C. The data of Roberts and 
Rogers indicated that the hydrogen effect changes very little 
if the grain size of the metal is varied. Troiano (46) 
mentioned that vanadium and niobium, are apparently subject to 
hydrogen embrittlement. 
No completely satisfactory mechanism has been 
advanced to explain the ductility minimum observed in 
hydrogen-charged vanadium. . Roberts (34) studied YD0 y by 
neutron diffraction and observed an order-disorder trans­
formation of the deuterium atoms at -65 t 10°C. Below the 
transformation temperature, the deuterium atoms were ordered 
in a primative cubic cell with a lattice constant 
approximately equal to twice that of the body-centered-cubic 
vanadium at the same temperature. 
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III. SPECIMEN PREPARATION 
High grade niobium sheet was obtained from Fansteel 
Met allur gical Corporation, North Chicago, Illinois. The 
chemical analysis of this material is shown in Table 2. 
Table 2. Chemical analysis of niobium 
Impurity Weight per cent 
Carbon trace - 0.004 
Hydrogen 0 .0009 -- 0.0012 
Nitrogen 0 .010 -• 0.013 
Oxygen 0 
C\J O
 
o
 • . 0.004 
Iron 0.015 
Nickel less than 0.020 
Tantalum 0.014 
Titanium less than 0.020 
Tungsten less than 0.020 
Zirconium 0.010 
Bomb-reduced vanadium was prepared in this laboratory by 
the reduction of C. P. grade vanadium pentoxide with calcium, 
following the process outlined by Long and Wilhelm (25). The 
vanadium button produced by the bomb-reduction process was 
sectioned with a power hack-saw, and each section was arc-
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melted in a water-cooled copper mold under a helium atmosphere* 
The hardness of the as-cast material was approximately 
Rockwell "A" 35» and the average grain diameter was 
approximately 0.5 millimeter. Although, bomb-reduced vanadium 
was used in one phase of this investigation, it was generally 
unsatisfactory because of the high impurity content. 
The hot wire process (l*.?) was employed in this 
laboratory to produce several pounds of iodide vanadium. A 
reservoir containing bomb-reduced vanadium and iodine was 
evacuated, sealed tight, and heated to approximately 800°C. 
The vanadium iodide produced by this treatment was decomposed 
in the system on a vanadium wire heated to 1300°C, yielding 
approximately 150 grams per run. The as-deposited vanadium 
rod was dipped in dilute nitric acid to remove surface 
discoloration, and the ends of the rod were cut off and 
reprocessed. Iodide vanadium from at least three separate 
runs was mixed before any group of test specimens was 
prepared. Typical analyses of bomb-reduced and iodide 
vanadium are shown in Table 3. 
Table 3» Chemical analysis of vanadium 
Weight per cent 
Impurity Bomb-reduced Iodide-process 
Hydrogen 
Carbon 0.1500 
0.0050 0.0010 
0.0100 
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Table 3» (Continued) 
Weight per cent 
Impurity Bomb-reduced Iodide-process 
Nitrogen 0.0400 0.0050 
Oxygen 0.0800 0.0150 
Chromium 0.0050 0.0200 
Iron 0.0200 0.0200 
Copper 0.0080 0.0020 
A. Alloy Preparation 
Vanadium-niobium alloy buttons were prepared by arc-
melting weighed quantities of niobium and iodide vanadium* 
Each button was melted at least five times, and the buttons 
were turned over between successive melts to insure the 
preparation of homogeneous alloys. It was found that the 
weight loss increased as the vanadium content increased in 
the alloys, but the change in weight was never found to 
exceed 0.3 per cent of the vanadium content. 
Three hundred grams of iodide vanadium were arc-melted 
with a weighed quantity of purified vanadium pentoxide to 
raise the oxygen content without adding large quantities of 
other impurities. This was accomplished by drilling a 
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cylindrical hole into a vanadium button, packing the hole with 
vanadium pent oxide, and pressing a vanadium plug into the 
hole to make a tight fit. Chemical analysis indicated that 
the oxygen content was 600 ppm after arc-melting, an addition 
of approximately 400 ppm» 
B. Preparation of Bend Test Specimens 
Trial and error methods indicated that all of the 
vanadium-niobium alloys could be cold-rolled successfully, 
although edge cracking frequently occurred In alloys 
containing from sixty to ninety weight per cent niobium. 
The pure metals and the alloys were cold-rolled to sheet 
with a thickness of approximately 0.066 inches. Bend-test 
specimens were cut from the metal sheets to a length of 1.2 
Inches and width of 0.3 inch, and the width of each specimen 
was surface ground to 0.2490 t 0.0005 inches. The specimens 
were wet polished on several grades of polishing paper and 
finally on 2/0 emery paper. The finished dimensions of the 
bend specimens were 0.249 x 0.065 x 1.2 inches. 
C. Preparation of Tensile Test Specimens 
Vanadium, niobium, and vanadium-niobium alloy buttons 
were arc-melted into cylindrical rods with a diameter of 
approximately one-half Inch*. Unalloyed vanadium and niobium 
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were cold-swaged to cylindrical rods with, a diameter of 0.18? 
inch. The increased hardness of the vanadiurn-niobium alloys 
and the vanadium-oxygen alloy prevented the use of the cold-
swaging technique on any alloys. The alloys were cold-rolled 
to rods with square cross-section, and cylindrical rods with 
O.I87 inch diameter were machined from sections of the 
square rod. Equipment to produce rods with circular cross-
section was not available for this work. 
Tensile specimens were prepared from the O.I87 inch 
rods described above. All specimens were given a 10/32 
thread by use of a thread die, and a reduced section of 0.125 
inch was produced with a lathe employing an alloy steel 
cutting tool. The reduced section was polished with 2/0 emery 
paper as the final step. The gauge length of the reduced 
section was varied from 0.5 to 1.25 inch in order to utilize 
the total length of any particular swaged or cold-rolled rod. 
The results obtained in this investigation did not show any 
scatter due to the variation in the gauge length. 
D. Annealing Treatments 
All bend test and tensile test specimens were cleaned 
in trichloroethylene after the final machining operation and 
were then wrapped in tantalum foil and sealed in quartz tubes 
under a helium atmosphere. In each case the helium 
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atmosphere was then "gettered" by heating a zirconium, strip 
placed at one end of the quartz tube. The specimens were 
recrystallized by annealing at specified temperatures for 
twelve hours and then were furnace cooled. The annealing 
temperatures were increased as the niobium content of the 
alloys increased, but the grain size was found to decrease 
gradually as the niobium content increased. It was also 
found that the grain size of bend-test specimens was smaller 
than that of tensile specimens annealed at the same 
temperature. The schedule of annealing temperatures is 
shown in Table 4* 
Table 4» Temperatures employed for recrystallization of 
vanadium-niobium alloys 
Alloy 
composition 
(Weight per cent) 
Annealing 
temperature (°0) 
100 V 1120 
10 Nb - 90 V 
20 Kb - 80 V 
llli-0 
1160 
30 Nb - 70 V 
40 Kb - 60 V 
50 Nb - 50 V 
60 Nb - 40 V 
70 Nb - 30 V 
1180 
1190 
1200 
1220 
1240 
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Table ]*,• (Continued) 
Alloy Annealing 
composition temperature 
(Weight per cent) (°C) 
80 Nb - 20 V 1260 
90 Nb - 10 V 1280 
100 Nb 1300 
The object of the annealing schedule was to produce a coarse 
grain size, approximately equal to that observed in arc-
melted vanadium. Microscopic examination revealed that the 
niobium specimens were only partially recrystallized. An 
additional 24 hours anneal at 1300°0 did not produce any 
observable changes in micro structure, and the niobium 
specimens were essentially in the strain-relieved condition. 
It should be noted that the strain-annealed specimens retained 
the preferred orientation which was produced by swaging or 
rolling at room temperature. 
A number of specimens were vacuum annealed at 900°C for 
eight hours with the initial and final pressure less than 10~£ 
mm of mercury. Duplicate gas analyses indicated that all 
hydrogen was removed from the specimens, within the limit of 
detection of the method. 
Hydrogen was added to the test specimens by the ttthermal 
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charging" method* The specimens were heated in a closed 
system to absorb a known quantity of hydrogen which was 
obtained by heating a reservoir of uranium hydride. Moderate 
heating evolves hydrogen from uranium hydride but does not 
release impurity gases, such as oxygen and nitrogen. The 
thermal cycle for all specimens may be described briefly as 
follows: 
(a) Heat to QOO°C and hold for 1 hour. 
(b) Furnace cool to 600°C and hold for 2 hours. 
(c) Rirnace cool to 300OC and hold for Ij. hours. 
(d) Furnace cool to 100°C and hold for 8 hours. 
(e) Furnace cool to room temperature. 
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IV. APPARATUS MD EXPERIMENTAL METHODS 
There are a number of mechanical tests which are 
frequently employed in the evaluation of ductility transitions. 
Impact tests with a falling weight, bend tests, tensile tests, 
and torsion tests were considered for use in the present 
investigation. It was decided to make a preliminary study of 
a number of alloys with a bend test because of the ease of 
preparation of the test specimens. A more detailed study 
of pure vanadium and several alloys would then be made with a 
slow tensile test. The tensile test was selected because it 
yields data which is most easily compared with the results of 
previous investigâtions» 
It should be mentioned at this point that it is 
difficult to compare results obtained from different types of 
tests* As an example, it is usually found that the brittle-
ductile transition temperature increases as the severity of 
the stress state increases. Tests which produce a high 
degree of triaxial stress should exhibit the highest 
transition temperature• An unnotched torsion test is expected 
to show the lowest and a notched impact test the highest 
transition temperature on similar material. 
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A. Low Temperature Tensile Testing Equipment 
All specimens were tested on a Tinius Olsen 12,000 Pound 
Capacity Electromatic Universal Tensile Testing Machine. This 
machine was equipped with a Bristol X3T recorder, model 
lRlx£>60-00, which made a permanent record of the applied load 
and instantaneous strain. The tensile machine could be 
operated at any crosshead speed from 0.0025 to 20 inches per 
minute, and the full scale reading of the applied load could 
be varied in increments from 60 to 12,000 pounds. 
A schematic diagram of the temperature control system is 
shown in Figure 2. The temperature was controlled by 
regulating the flow of liquid nitrogen into the specimen 
chamber. The control system consisted of a ten liter Dewar 
flask containing liquid nitrogen, a tank of compressed helium, 
an insulated supply line for liquid nitrogen, a needle valve 
in series with the supply line, a small packless magnetic 
valve, an electric relay, a Brown Electronik controller-
recorder, and three copper-constantan thermocouples. The 
temperature gradient was determined by placing a thermocouple 
at each end of the specimen, and the controlling thermocouple 
was placed near the liquid nitrogen inlet to the specimen 
chamber. Although this method necessitated setting the 
controller-recorder at a lower temperature than the desired 
specimen temperature, a trial run calibrated the system 
Figure 2. Sohematlo diagram of the temperature-controlling equipment for tensile 
teats 
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satisfactorily. It was found that this system responded 
faster than the same system with the controlling thermocouple 
placed on the specimen. 
When the specimen was properly aligned in the chamber, 
the helium tank regulator was adjusted to produce a pressure 
of 2 psi on a closed system* The controller-recorder was set 
at the predetermined temperature and turned on, and all 
needle valves were opened. The control thermocouple indicated 
that coolant was needed in the chamber, and the controller 
closed the magnetic valve. With the magnetic valve closed, 
the helium pressure was applied to the surface of the liquid 
nitrogen in the Dewar flask, and liquid nitrogen was forced 
through the supply line and into the chamber. When the chamber 
cooled to the preset temperature, the controller opened the 
magnetic valve, and the helium gas bypassed the Dewar flask 
and entered the chamber directly. When the magnetic valve 
opened, the pressure on the liquid nitrogen was relieved, and 
the coolant flow ceased immediately. Satisfactory temperature 
control was achieved as the controller opened and closed the 
magnetic valve as required by the control thermocouple. The 
temperature variation from heating to cooling cycle was 
approximately tl° at -i}.0oC and increased to approximately 
Î2.50 at -190°C. Specimens were maintained at -196°C by 
filling the chamber with liquid nitrogen. 
The specimen test chamber shown in Figure 3 was machined 
from a cylindrical rod of canvas-base Synthane. The inside 
Figure 3» Construction and disposition of the low temperature 
chamber for tensile tests 
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and outside diameters of the chamber were 1.25 and 2,25 
inches, respectively. Liquid nitrogen and helium gas entered 
the chamber through, tubes placed on opposite sides of the 
test specimen. Since the liquid nitrogen evaporated inside 
the chamber, the temperature of the test specimen was 
maintained constant by alternate cycles of cold and warm 
gases, which escaped from the chamber only by first passing 
through the perforated stainless steel can enclosing the test 
specimen. 
B, Low Temperature Bend Test Apparatus 
All bend tests were performed on a simple three point 
loading system, with the lower supports fixed at 0,75 inch 
separation. Two pieces of 0,25 inch drill rod were used as 
the fixed lower supports, and a piece of hardened steel was 
used on the end of the movable upper ram. The base of the 
chamber was a sheet of Synthane with a thickness of 2 inches, 
and the sides of the chamber were formed by a double-walled 
vacuum bottle with openings at the top and bottom. The 
movable ram entered the chamber from the top, and the chamber 
was made gas tight by attaching one end of a thin plastic bag 
to the vacuum bottle and the other end to the movable ram. 
The Tinius Olsen tensile test machine was adapted for use 
with the bend test by inserting a compression plate on the 
bottom of the movable crosshead. A permanent record of 
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crosshead motion versus load was produced on the X? recorder 
by employing the time-drive mechanism instead of the strain 
gauge. From this record the crosshead travel at the start of 
fracture was determined for each bend test specimen. Those 
specimens which bent to a 90° angle without cracking were 
considered to be completely ductile, for the purposes of this 
investigation. Crosshead travel of approximately 0.35 inch 
produced a bend of 90° in a test specimen. 
The temperature control system employed for the bend 
tests was nearly identical to that used for the tensile 
tests, but the thermocouples were attached to a dummy speci­
men placed adjacent to the test specimen instead of being 
attached to the test specimen itself. Several trial runs 
indicated that the error in temperature control was 
approximately ±2°C. The other distinction between the two 
control systems was the location of the liquid nitrogen and 
helium gas inlets to the test chamber. 
C. High Temperature Tensile Testing Equipment 
Several tensile tests of vanadium were performed at 
temperatures from 100° to 500°C. Although vanadium did not 
show apparent oxidation within one hour in air at temperature 
below 250°C, it was necessary to protect the specimens from 
air at higher temperatures. The specimen chamber was of 
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simple construction, with an expandable metal bellows welded 
to the upper and lower pull rods. A constant flow of helium 
into the chamber produced a low positive pressure and 
prevented the entry of air into the chamber. The load 
necessary to esq)and the bellows was determined for crosshead 
travel of 0.5 inch or less, corresponding to a specimen 
elongation of 50 per cent. The load correction for bellows 
expansion was subtracted from the total load to obtain the 
load applied to the specimen. Chromel-alumel thermocouples 
were attached to the top and bottom of the specimen, and a 
controlling thermocouple was attached to the center of the 
specimen. The resistance furnace was regulated by a Brown 
temperature controller, model 105&|.. The temperature control 
was within t$° for all specimens. 
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V. EXPERIMENTAL RESULTS 
One purpose of this investigation was to determine the 
possible existence of a brittle-ductile transition in 
vanadium-niobium alloys. This investigation logically 
included a study of any ductility transition observed in the 
alloys. All bend tests were performed with the center of the 
specimen deflected at the rate of 0.01 inch per minute. 
Tensile tests were performed at an initial strain rate of 
0.01 per minute, unless stated otherwise. 
A. Ductility Data from Bend Tests 
Since gas analyses indicated that both the iodide 
vanadium and the unalloyed niobium contained approximately 
10 ppm of hydrogen, it was decided to make preliminary bend 
tests on specimens prepared from alloy buttons without 
changing the hydrogen concentration. The results of the 
bend tests are shown in terms of the deflection of the center 
of the specimen. As is usually the case, this investigation 
was complicated by the difficulty of selecting a criteria for 
ductility. Those specimens which were deflected 0.35 inch 
without fracture were considered to be ductile. This 
deflection corresponded to approximately a 90° bend in the 
specimen. It would have been very difficult to describe 
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every specimen as either ductile or brittle, but this was not 
necessary. In this investigation the brittle-to-ductile or 
ductile-to-brittle transition temperature was defined as the 
temperature corresponding to the half-height of that portion 
of the ductility versus temperature curve with the greatest 
slope. A transition temperature in a bend test was determined 
from a plot of deflection of the specimen at fracture versus 
temperature. It should be noted that the transition 
temperature did not correspond to the same deflection for all 
specimens in the same bend test apparatus. 
The results of bend tests of vanadium and niobium 
containing 10 ppm of hydrogen are shown in Figures 4 and 5* 
It can be seen that vanadium exhibited a ductile-brittle-
ductile sequence, with fracture occurring from -75 to -180°C. 
This behavior may be described as a ductility transition, with 
the critical temperature for minimum ductility at -120°C. The 
results indicated that niobium did not show a ductility 
transition under the conditions of the bend tests. The 
experimental results indicated that all alloys containing less 
than 60 weight per cent vanadium fractured under the 
conditions of the bend test, but alloys containing 64, 70, 82, 
or 90 weight per cent niobium did not fracture when bent to a 
90° angle. The experimental data shown in Figures 6 to 13 
relate to the ductility transition observed in alloys 
containing 0.5» 1-4» 10.0, 19.0, 30.0, 4°«0» 50.0, and 60.0 
weight per cent niobium. The results of bend tests of 
Figure Deflection of bend specimens of unalloyed niobium 
containing 10 ppm of hydrogen 
Figure 5. Deflection of bend specimens of iodide vanadium 
containing 10 ppm of hydrogen 
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per cent niobium alloy containing 10 ppm of 
hydrogen 
Figure 7« Deflection of bend specimens of the vanadium-1 .Ij. 
per cent niobium alloy containing 10 ppm of 
hydrogen 
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Figure 8. Deflection of bend specimens of the vanadium-10 
per cent niobium alloy containing 10 ppm of 
hydrogen 
Figure 9» Deflection of bend specimens of the vanadium-19 
per cent niobium alloy containing 10 ppm of 
hydrogen 
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Figure 10. Deflection of bend specimens of the vanadium-30 
per cent niobium alloy containing 10 ppm of 
hydrogen 
Figure 11. Deflection of bend specimens of the vanadium-if.0 
per cent niobium alloy containing 10 ppm of 
hydrogen 
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Figure 12. Deflection of bend specimens of the vanadium-fjO 
per cent niobium alloy containing 10 ppm of 
hydrogen 
Figure 13• Deflection of bend specimens of the vanadium-60 
per cent niobium alloy containing 10 ppm of 
hydrogen 
48 
to 
OJ X 
o 
H 
o 
LU 
_l li. 
LU 
O OJOO 
i—i—r i i r 
FRACTU 
0.10-
V-50Nb+l0ppm Hg 
o DUCTILE BEND 
• SPECIMEN FRACTURED-! 
J L 
-200 -160 -120 -80 -40 0 40 
TEMPERATURE (°C) 
I I I I I I I I 
FRACTURE 
0.05-
T 
V — 60Nb 1-I0ppm Hg 
-o o 
0 DUCTILE BEND 
• SPECIMEN FRACTURED 
1 I I I 
-200 -I60 -I20 -80 -40 0 40 
TEMPERATURE (°C) 
49 
vanadium-niobium alloys containing 10 ppm of hydrogen are 
summarized in Figure lij.* 
Hydrogen was probably responsible for the observed 
effects, because the ductile-brittle-ductile sequence was 
observed at low temperature s. The experimental results could 
not be explained with complete satisfaction, because the 
high niobium alloys were apparently unaffected by 10 ppm of 
hydrogen. In order to investigate the effect of varying the 
hydrogen concentration on the bend properties, a number of 
specimens were vacuum annealed to remove the hydrogen, and 
others were charged with additional hydrogen. The results 
for the 7-30 Nb and V-70 Nb alloys are shown in Table 5, 
and the results for unalloyed niobium are shown in Table 5 
and Figure 15. It was observed that hydrogen caused a duc­
tility transition in the "7-30 Mb and V-70 Nb alloys, but the 
high niobium alloy required more hydrogen to cause a 
ductility transition. The addition of $0 ppm of hydrogen to 
niobium produced an apparent brittle-ductile transition at 
approximately -ij.0oC. 
The Information gained from bend tests was very 
reproducible, and the results obtained for one alloy could 
be compared with results obtained for a different alloy. 
However, the bend test suffers from the lack of a standard 
test, and it is very difficult to compare results from 
different Investigators. It was decided to use the tensile 
test in the remainder of this investigation. 
Figure lij.. Bend test properties of vanadium-niobium alloys 
containing 10 ppm of hydrogen 
Figure 1=>, Deflection of bend specimens of niobium containing 
ppm of hydrogen 
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Table 5» Bend test results (Crosshe&d speed of 0*01 inch per 
minute) 
Deflection of 
Test Ductile bend specimen at 
Description temp or fracture 
of specimen (°c) fracture (inches) 
V-30Hb (Vacuum Anneal) 
n it it 
it it it 
7-3 OEb + 20 ppm Eg 
tt tt n 
V-702Tb + 
tt it 
25 ppm 
it 
Eg 
7-70Hb + 
it tt 35 
ppm 
it 
Hg 
it it tt 
it n n 
M It it 
7-70Hb + 40 pgm Hg 
n tt « 
7-703b + 50 ppm Eg 
7-70Nb + 100 ppm Eg 
7-7OHb + 200 ppm Eg 
V»70Nb + 800 ppm Eg 
Hb + 50 gpm Eg 
it 
« 
n 
it 
tt 
M 
It 
Tt 
- 70° DB 
-130° DB 
-165° DB 
50° DB 
25° F 0.15 
- 5° P 0.01 
25° DB 
-114.0° DB 
50° DB 
25° F 0.17 
0° F 0.0& 
- 50° F 0.07 
-180° DB 
25° F 0.12 
-I400 F 0.13 
-185° DB 
-180° DB 
-185° F 0.21 
-185® F 0.17 
-185° F 0.02 
15° DB 
- 100 DB 
- 25° F 0.20 
- 40° F 0.06 
-lk0° F 0.04 
-180° F 0.03 
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B. Ductility Data from Tensile Tests 
It was expected that a comprehensive study of the 
tensile properties of vanadium and several alloys would help 
to understand the mechanism responsible for the ductility 
transition observed in this investigation, A group of tensile 
specimens were prepared from iodide vanadium and were vacuum 
annealed at 900°C to remove the 10 ppm of hydrogen normally 
found in each specimen» A number of specimens were thermally 
charged with $0 or 100 ppm of hydrogen and were then tested 
in uniaxial tension at temperatures from 25 to -196°C. The 
results shown in Figures 16 and 17 indicated that plots of 
both uniform and total elongation versus temperature 
exhibited a minimum in the range from -ij.0 to -120°C. It 
should be noted that the tensile tests indicated that vanadium 
was subject to mechanical twinning below -ltj.0°C. Audible 
clicks were taken as an indication of mechanical twinning, 
and this was confirmed by the appearance of sharp serrations 
In the stress-strain curves. 
The results of tensile tests of vacuum-anneal ed niobium 
were difficult to Interpret. When total and uniform 
elongation were plotted versus temperature, as shown in 
Figures 18 and 19» a brittle-ductile transition apparently 
occurred at -160°C. However, the curve for reduction in area 
did not indicate a ductility transition, as shown in Figure 21. 
Figure 16* Effect of hydrogen, on the total elongation of 
tensile specimens of vanadium 
Figure 1?. Effect of hydrogen on the uniform elongation of 
tensile specimens of vanadium 
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Figure 18. Effect of hydrogen on the total elongation of 
tensile specimens of niobium 
Figure 19. Effect of hydrogen on the uniform elongation of 
tensile specimens of niobium 
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The specimens were observed to neck at all test temperatures, 
Including -196°C, and it is concluded that a ductility 
transition did not occur in vacuum-annealed niobium. As seen 
from examination of Figures 18, 19, and 21, the addition of 
50 ppm of hydrogen produced a brittle-ductile transition in 
niobium at -50 t 15°C. There was no Indication that 
mechanical twins were formed in niobium during the tensile 
tests* 
At this point the author must defend the use of uniform 
elongation as an indication of ductility of a specimen* It 
is frequently argued that reduction in area Is the proper 
measure of ductility, and uniform elongation is merely an 
indication of the strain-hardening characteristics of a 
specimen. As shown in Figures 16 to 21, the results of this 
investigation indicated that the reduction in area reached a 
minimum in the same temperature range as the minimum in the 
uniform elongation curve, for both niobium and vanadium. 
Hydrogen-charged specimens exhibited very little elongation 
and were not observed to neck in the critical temperature 
range. It is suggested that uniform elongation is an 
accurate measure of ductility when the specimen does not neck. 
Previous experience with iodide vanadium indicated that 
uniform elongation was measured with greater reproducibility 
than was reduction in area. 
Tensile specimens of alloys containing 1.5» 30, and 70 
Figure 20. Effect of hydrogen on the reduction in area of 
tensile specimens of vanadium 
Figure 21. Effect of hydrogen on the reduction in area of 
tensile specimens of niobium 
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weight per cent niobium were vacuum annealed at 900°G to 
remove the hydrogen. Several specimens of each composition 
were then carefully charged with 10 ppm of hydrogen and 
tested at temperatures from 25 to -196°C, with results as 
shown in Figures 22 to 25. It is seen that both the V-30 Mb 
and V-70 Kb alloys exhibited a minimum in the curve of 
uniform elongation versus temperature, but the V-70 Nb alloy 
was not severely embrittled by the addition of 10 ppm of 
hydrogen. Examination of the stress-strain curves indicated 
that the V-30 Mb and V-70 Nb alloys were subject to 
mechanical twinning below room temperature. 
The results of the present investigation do not agree 
with the data reported by Smith (Ip.), who indicated that the 
minimum ductility of vanadium occurred at approximately the 
same temperature for all strain rates employed. Vanadium 
tensile specimens were vacuum annealed, charged with 10 ppm 
of hydrogen* and tested at two strain rates. Figure 26 shows 
that the critical temperature for minimum ductility was 
higher at the greater strain rate. 
Loomis and Carlson (26) studied bomb-reduced vanadium 
with a bend test, and they reported a brittle-ductile 
transition at approximately -65°C in specimens containing 
60 ppm of hydrogen. In the course of the present 
investigation, the tensile properties of bomb-reduced vanadium 
was determined at temperatures from -196° to 25°C. In this 
Figure 22. Effect of hydrogen of the uniform elongation of 
tensile specimens of the vanadium-1.5 per cent 
niobium alloy 
Figure 23. Effect of hydrogen on the uniform elongation of 
tensile specimens of the vanadium-30 per cent 
niobium alloy 
UNIFORM ELONGATION (PERCENT) 
_ „ — — ro ro ro 
o * oo ro o) Q 4* oo 
s § 
c 
ax 
m 
e 
O 
I I I I I I I 
UNIFORM ELONGATION (PERCENT) 
~~ — ro ro ro 
o - f r c o r o m o - b o o  
rn 
m c 
m o 
VJ 
Figure 2ij., Effect of iiydrogen on the uniform elongation of 
tensile specimens of the vanadium-70 per cent 
niobium alloy 
Figure 25» Uniform elongation of tensile specimens of the 
vanadium-90 per cent niobium alloy 
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case, however, the tensile specimens were vacuum annealed at 
900°C to remove all hydrogen. The results shown in Figure 
27 indicate that a brittle -ductile transition occurred at 
approximately -120°C. 
To this point in the investigation, hydrogen was the 
only interstitial addition to iodide vanadium. There were 
several reasons why it then decided to add oxygen to 
vanadium. The first reason was the desire to determine the 
mechanical properties of hi ^.-oxygen vanadium as a function 
of temperature. Secondly, the high-oxygen vanadium was to 
be compared to bomb-reduced vanadium, which also had a high 
oxygen content. The third reason was to gain information 
of the mechanical properties of vanadium with oxygen and 
hydrogen additions. It is known that there is an interaction 
of interstitial atoms in the vanadium lattice, but no 
information is available to describe the interaction of 
hydrogen and oxygen. Powers and Doyle (31) showed that there 
is an internal friction peak in vanadium due to the inter­
action of oxygen and nitrogen atoms, In addition to the peak 
due to the interaction of oxygen atoms with other oxygen 
atoms. 
Tensile specimens of iodide vanadium containing an 
additional i}.00 ppm of oxygen were vacuum annealed at 900°C, 
and one group was tested at temperatures from -196 to 5l0°C. 
The remaining specimens were thermally charged with 50 ppm of 
Figure 26. Effect of strain rate on the uniform elongation of 
tensile specimens of vanadium containing 10 ppm of 
hydrogen 
Figure 27. Uniform elongation of tensile specimens of bomb-
reduced vanadium 
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hydrogen and were tested at -196 to 2$°C. The results of the 
tests of the high-oxygen vanadium shown in Figures 28 and 29 
indicated that the uniform elongation was generally reduced 
at all temperatures, but the oxygen addition did not 
significantly change the temperature for minimum ductility of 
vanadium containing hydrogen. There was no clear Indication 
of a ductility transition in vanadium due only to oxygen. 
G. Microstructures 
As a complement to the mechanical tests, the micro-
structures of a number of bend and tensile specimens were 
examined. The microstructures in Figures 30 to 39 show that 
mechanical twinning occurred in the temperature range 
suggested by the stress-strain curves, and the number of twins 
increased as the test temperature decreased. It can be seen 
that mechanical twinning of vanadium-niobium alloys was not 
limited to the neighborhood of the fracture surface. 
The micro structures of the bend specimens indicate that 
the fracture properties of two alloys may be quite different 
at the same test temperatures. As shown in Figure 35» small 
cracks were produced at -l80°C in the 7-30 Nb bend specimen 
containing 10 ppm of hydrogen. A bend specimen of the 7-1*0 
Nb alloy containing 10 ppm of hydrogen did not show similar 
small cracks at -180°C, as shown in Figure 3°. 
Figure 28. Effect of hydrogen on the uniform elongation of 
tensile specimens of vanadium containing lj.00 ppm 
of oxygen 
Figure 29. Uniform elongation of tensile specimens of 
vanadium containing 2j.G0 ppm of oxygen 
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Figure 30» Top left. Bend test at 0°G of the vanadium-30 per 
cent niobium alloy containing 10 ppm of hydrogen. 
Nitric acid-hydrofluoric acid etch. X£0 
Figure 31* Top right. Bend test at -lj.0°C of the vanadium-30 
per cent niobium alloy containing 10 ppm of hydro­
gen. Nitric acid-hydrofluoric acid etch. X50 
Figure 32» Center left. Bend test at -80°C of the vanadium-
30 per cent niobium alloy containing 10 ppm of 
hydrogen. Nitric acid-hydrofluoric acid etch* 
X£0 
Figure 33* Center right. Bend test at -160°C of the 
vanadium-30 per cent niobium alloy containing 10 
ppm of hydrogen. Nitric acid-hydrofluoric acid 
etch. XJ?0 
Figure 34* Bottom left. Bend test at -170°C of the 
vanadium-30 per cent niobium alloy containing 10 
ppm of hydrogen. Nitric acid-hydrofluoric acid 
etch. xj?0 
Figure 35» Bottom right. Bend test at -l80°C of the 
vanadium-30 per cent niobium alloy containing 10 
ppm of hydrogen. Nitric acid-hydrofluoric acid 
etch. X50 
73 
Ik 
The microstructures shown in Figures lj.0 to kl reveal 
several interesting features about the problem of hydrogen 
embrittlement of vanadium. Charging a vanadium specimen with 
800 ppm of hydrogen produced a hydride precipitate, but it is 
very difficult to distinguish mechanical twins from hydride 
precipitate, as seen from comparison of Figures and 47» 
Examination of Figure l\2 indicates that the addition of 100 
ppm of hydrogen did not produce a hydride precipitate. 
Comparison of the microstructures shown in Figures 30 
and 37 indicates that the grain size of the tensile specimens 
is approximately five times as large as the grain size of 
the bend specimens. If hydrogen embrittlement were a 
function of grain size, the V-30 Mb alloy would be expected 
to show a more limited temperature range of embrittlement in 
the bend tests than in tensile tests. Examination of the 
bend test and tensile test data did not indicate that there 
was a grain size effect» This conclusion is in agreement 
with the results obtained by Roberts and Rogers (35) in an 
investigation of hydrogen embrittlement of vanadium. 
D. Yield Point Data from Tensile Tests 
The numerical values of the upper yield stress, lower 
yield stress, and ultimate tensile stress were calculated 
for approximately one hundred tensile specimens, and the data 
Figure 36. Top left. Bend test at -180°C of the vanadium-ij.0 
per cent niobium alloy containing 10 ppm of 
hydrogen. Nitric acid-hydrofluoric acid etch. 
X50 
Figure 37» Top right. Tensile test at 20^0 of the vanadium-
30 per cent niobium alloy. Vacuum, annealed 
before testing. Nitric acid-hydrofluoric acid 
etch. X50 
Figure 38. Center left. Tensile test at -78°C of the 
vanadium-30 per cent niobium alloy containing 10 
ppm of hydrogen. Nitric acid-hydrofluoric acid 
etch. X50 
Figure 39. Center right. Tensile test at -196°C of the 
vanadium-30 per cent niobium alloy containing 10 
ppm of hydrogen. Nitric acid-hydrofluoric acid 
etch. X50 
Figure 40. Bottom left. Tensile test at -190°C of vanadium. 
Vacuum annealed before testing. Nitric acid-
hydrofluoric acid etch. X£o 
Figure 41. Bottom right. Tensile test at -190°C of vanadium 
containing 5>Q ppm of hydrogen. Nitric acid-
hydroflouric acid etch. X50 
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Figure 42, Top left. Vanadium containing 100 ppm of 
hydrogen. The specimen was not plastically 
deformed. Nitric acid-hydrofluoric acid etch. 
X50 
Figure 43. Top right. Tensile test at -190°C of vanadium 
containing 100 ppm of hydrogen. Nitric acid-
hydrofluoric acid etch. X£0 
Figure 44» Center left. Vanadium containing 800 ppm of 
hydrogen. The specimen was not plastically 
deformed. Nitric acid-hydrofluoric acid etch. 
X50 
Figure 45» Center right. Tensile test at 2£>°C of vanadium 
containing 800 ppm of hydrogen. Nitric acid-
hydrofluoric acid etch. X50 
Figure 46. Lower left. Vanadium charged with 800 ppm of 
hydrogen, tensile tested at 25°C, and vacuum 
annealed. Nitric acid-hydrofluoric acid etch. 
X# 
Figure 47 Lower right. Tensile test at -190°C of vanadium 
containing 800 ppm of hydrogen. Nitric acid-
hydrofluoric acid etch. X£0 
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are summarized in Tables 6 and 7» The tables indicate which 
specimens deformed by twinning and which specimens deformed 
by slip without showing a lower yield point. The yield point 
at 0.2 per cent offset is reported for the specimens which 
deformed without apparent twinning but did not exhibit a 
lower yield point. If the maximum load applied to the 
specimen was reached at the upper yield point, the symbol 
DÏP was listed in the column under the heading of ultimate 
tensile stress. 
The data shown in Table 8 refers to the true flow stress 
for vanadium at the start of necking. The data were 
computed from the applied load and the true cross-sectional 
area at the point where the specimen stopped deforming 
uniformly. 
Table 6. Tensile properties of vanadium-niobium alloys 
(Initial strain rate of 0.008 per minute) 
temp 
Specimen description (°C) 
Test Upper Lower Ultimate 
yield yield tensile 
stress stress stress 
(psi) (psi) (psi) 
V (vac. ann.)a 25° 11,#0 16,700 
27,100 
30,800 
33,700 
DTP 
tt 
tt 
tr 
it 
« 
- 50° 25,900 22,000 
- 78° 29,200 25,300 
-120° L8,900 1*1,100 
-140° 62,600 54,300 
- 10° 20,300 18,600 
TJ2P 
aVacuum annealed. 
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Table 6. (Continued) 
Test 
temp 
Specimen description (°C) 
V (vac. ann.)a -160° 
" -170° 
n -190° 
? -196° 
7 + 50 ppm Eg 25° 
«t - 350 
? - 40° 
? - 50° 
1 - 65° 
? - 70° 
n
. -120° 
» -190° 
V + 100 ppm Hp 25° 
n 
- 10° 
*r - 30° 
? -120° 
" -196° 
V + 800 ppm Hp 25° 
" -120° 
»t -190° 
V + 400 ppm Op 
(vac. ann. ) 210° 
" 170° 
155° 
110° 
25° 
- 41° 
- 78° 
- 85° 
-160° 
-196° 
Upper Lower Ultimate 
yield yield tensile 
stress stress stress 
(psi) (psi) (psi) 
69,400% 61.600 72,400 
76,9005 80,200 
78,800% 86,000 
86,100% UYP 
15,600 15*000 26,500 
28,500 23,000 30,300 
34,000 UYP 
43,100 UYP 
48,700 UYP 
52,600 UYP 
53,800^  47,900 UYP 
79,000° 80,200 
16,700 15,100 28,800 
20,500 20,400 31,900 
37,200 37,000 UYP 
51,800^  50,400 UYP 
79,800% 95,200 
26,000 24,000 29,300 
51,800 53,700 
57,200 
16,100 15,800 30,900 
16,100 15,700 28,300 
17,100 16,500 28,600 
18,200 17,900 28,200 
25,600 21,300 30,100 
31,000 30,900 39,800 
43,600 36,900 43,900 
44,300 39,200 46,600 
82,600 70,900 UYP 
76,000% 94,800 
tt 
it 
it 
tt 
tt 
tt 
tt 
tt 
%Deforaation by mechanical twinning 
Table 6. (Continued) 
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Upper Lower Ultimate 
Test yield yield tensile 
temp 
(°d) 
stress stress stress 
Specimen description (psi) (psi) (psi) 
V + tyOO ppm Op + 50 
ppm H9 . 25° 33,400 29,200 35,800 
o° 34,500 30,300 40,100 
? - 25° 36,200 32,800 41,300 
? - 38° 38,50c 33,800 41,300 
* -120° 85,000. DTP 
? -196° 97,780° 102,400 
Kb (vac. ann.) 25° 23,500 35,200 
" - 30° 41,800 40,100 50,800 
«! -120° 64,500 60,800 62,600 
*? -160° 70,100 68,600 UYP 
" -196° 108,500 UYP 
Kb + 50 ppm Hp 10° 38,900 47,300 5o° 44,800 43,500 50,400 65° 40,700 39,000 46,000 
78° 39,100 38,500 43,400 
tt 
w 
« 
? - 90° 54^806 ' " W,ioo 
tt ~ 
« 
« 
-120° 74,300 UYP 
-160° 88,000 UYP 
-196° 101,700 UYP 
Kb + 100 ppm H2 25° 37,600 46,000 
V-1.5 Kb (vac. ann.) - 80° 41,600 37,000 47,200 
" -120° 47,800 45,200 51,200 
" -196° 90,900 71,600 UYP 
V-1.5 Kb + 10 ppm Ho 25° 21,500 19,100 31,700 
80° 33,800 30,100 41,400 tt 
tt 
tt _•» 
tt 
100° 55,500 UYP 
120° 63,400 UYP 
-140° 73,300 68,400 UYP 
V-30 Kb (vac. ann.) 25° 83,700% 103,300 
" - 78° 106,600% 129,100 
? -196° 85,700% 182,100 
V-30 Kb + 10 ppm H2 25° 86,100% 
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Table 6» (Continued) 
Upper Lower Ultimate 
Test yield yield tensile 
temp stress stress stress 
Specimen description (°c) (psi) (psi) (psi) 
V-30 Hb + 10 ppm Eg 
n 
tt 
V-70 Hb (vac# ann, ) 
it 
tt 
tt 
V-70 lib + 10 ppm Eg 
« 
n 
« 
tt 
V-90 Hb (vac. ann.) 
tt 
tt 
:$> 
-196° 
25° 
- 80° 
-120° 
-196° 
10° 
: $  
- 80° 
-120° 
.196° 
25° 
- 80° 
-120° 
90,900% 
99,700% 
90,000 
111,100 
UYP 
97,100 
190,700 
106,600% 
113,400% 
99,700% 
100,700% 
144-, 600 
169,700 
193,611 
224,000 
108,900% 
102,100% 
102,700% 
101,700% 
103,600% 
105,600% l
\>
HH
H 
H
 %
 
«
 
«
 
«
 
<•
 
»
 
o
o
o
o
 
0
 
o
o
o
o
 
0
 
83,300 
103,700 
118,300 
82,000 
103,4.00 
106,000 
129,400 
142,800 
Table Upper and lower yield points of vanadium containing 
10 ppm Eg (Tested at two strain rates) 
Specimen 
description 
Strain rate 
(per minute) 
Test 
team 
(°C) 
Upper 
yield 
stress 
(psi) 
Lower 
yield 
stress 
(psi) 
V + 10 ^ ppm Eg 
tt 
it 
o
o
o
o
 
# # # # 
o
o
o
o
 
I
I
I
!
 
35,200 
40,100 
44,000 
57,500 s
s
s
s
 
o
o
o
o
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Table 7. (Continued) 
Upper Lower 
Test yield yield 
Specimen Strain rate temp stress stress 
description (per minute) (°C) (psi) (psi) 
V + 10 ppm H0 0,500 - 90° 64,500 51,600 
tt 0.500 -100° 61,800 49,200 
« 0.500 -120° 69,400 
it 0.500 -196° 78,200* 
V + 10 ppm Ho 0.008 25° 13,500 12,900 
Tt C~ 0.008 - 60° 28,400 23,000 
tt 0.008 - 82° 41,500 34,600 
tt 0.008 -100° 55,500 49,500 
It 0.008 -120° 59,500 53,400 tt 0.008 -130° 60,600 
tt 0.008 -190° 80,200* 
aDeformation by mechanical twinning# 
Table 8. True flow stress of vacuum-annealed vanadium at 
start of necking (Initial strain rate of 0.008 per 
minute) 
Test Plow stress Test Flow stress 
temp at necking temp at necking 
(°C) (psi) (°C) (psi) 
25° 19,700 -160° 75,4-00 
- 10° 35,500 -170^  86,700 
- 50° 37,700 -190° 88,600 
- 80° 37,800 -196° 91,900 
-120° 53,900 
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71. DISCUSSION OF EXPERIMENTAL RESULTS 
The results of bend tests and tensile tests indicated 
that hydrogen influenced the mechanical properties of 
vanadium, niobium, and vanadium-niobium alloys. Vanadium 
charged with 50 ppm of hydrogen exhibited a ductile-brittle-
ductile sequence below room temperature, with a ductility 
minimum at -80°C based on reduction in area and uniform 
elongation. Niobium charged with 50 ppm of hydrogen 
exhibited a brittle-ductile transition at -50 t l5°C, but 
neither the reduction in area nor the uniform elongation 
indicated a return of ductility at lower temperature s • It 
was observed that the presence of 10 ppm. of hydrogen in the 
7-30 Nb alloy caused embrittlement in a bend test, but it was 
necessary to charge the 7-70 Nb alloy with 35 ppm of hydrogen 
to produce similar embrittlement • 
The experimental data were not adequate for the 
development of a theory to explain the mechanical properties 
of all the vanadium-niobium alloys. However, the data were 
satisfactory for an evaluation of the mechanism advanced to 
explain the effects produced by charging vanadium with 
hydrogen. Before attempting to, explain the mechanism of 
hydrogen embrittlement of vanadium, it is advantageous to 
list several physical and mechanical effects that may have 
played a part in the mechanism that was responsible for the 
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observed effects: 
(a) Pressure of hydrogen gas inside of micro cracks. 
(b) Ordering of hydrogen atoms in the vanadium lattice. 
(c) Hydride precipitation while hydro gen-charging the 
specimen. 
(d) Strain-Induced precipitation of a hydride phase. 
(e) Mechanical twinning at low temperature s. 
(f ) Reduction of surface energy of micro cracks by 
hydrogen adsorption. 
(g) Interaction of interstitial atoms with dislocations. 
Although it is not possible to prove conclusively which of the 
mechanisms were relevant to the problem, it is desirable to 
discuss the applicability of each mechanism. 
A. Mechanisms Related to Structure 
It has been suggested by a number of investigators that 
hydrogen diffuses into microcracks in iron and steel, and 
the high pressures developed inside the crack cause the crack 
to enlarge. The possible existence or non-existence of 
micro cracks in vanadium was not studied in this investigation, 
because hydrogen would not be expected to develop higfo 
pressures in microcracks at low temperatures* Vanadium is 
an exothermic occluder of hydrogen, and the solubility of 
hydrogen increases as the temperature decreases. The author 
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does not feel that this type of mechanism offers a satisfactory 
explanation of hydrogen embrittlement of vanadium. 
As an explanation of the embrittlement of vanadium at low 
temperatures, it has been postulated that the ductility 
transition was due to ordering of hydrogen atoms in vanadium 
below -65°C. This mechanism must be rejected because it does 
not explain the return of ductility at low temperatures. 
The microstructures shown in Figures 44. and 45 indicated 
that the addition of 800 ppm of hydrogen to vanadium 
produced a second phase. It is possible that the low 
ductility at -196°C was due to the second phase in the micro-
structure, but this does not apply to the ductility minimum 
in vanadium containing from 10 to 100 ppm of hydrogen. The 
microstructure shown in Figure 42 does not indicate that a 
second phase was present in slowly-cooled vanadium containing 
100 ppm of hydrogen. 
The possibility of strain-induced precipitation of a 
hydride phase was also considered, because it was possible 
that the hydrided specimens had not been cooled under 
equilibrium conditions. Visual examination of Figure 45 
indicates that mechanical deformation increased the amount of 
precipitated hydride in the vanadium specimen containing 800 
ppm of hydrogen. After mechanical deformation, the specimen 
was vacuum annealed to remove the hydrogen. Examination of 
Figure 46 indicates that no mechanical twins were present 
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after vacuum annealing, and it is concluded that the fine 
lines shown in Figure 45 are evidence of strain-induced 
precipitation of a hydride phase and are not mechanical twins. 
Comparison of the microstructures shown in Figures lj.0, 43» 
and 45 indicated that mechanical deformation at -196°C did 
not produce hydride precipitation in vanadium containing 100 
ppm of hydrogen. 
The experimental results indicated that hydrided vanadium 
regained some ductility below the critical temperature, if 
the hydrogen content was no more than 100 ppm. It was also 
observed that mechanical twinning of vanadium occurred more 
frequently as the temperature was decreased below 
approximately -150°C. It was then necessary to decide if 
this behavior were coincidental, or if the return of ductility 
were due to the additional mode of deformation. A possible 
theory was that the ductility of hydrided vanadium would 
increase at lower temperatures if hydrogen interfered with 
deformation by slip more than deformation by twinning* The 
stress-strain curves of the alloys were examined in order to 
investigate this hypothesis. The tensile data obtained from 
the V-30 Nb alloy indicated that mechanical twins were 
produced at -78°C, but 10 ppm of hydrogen embrittled the 
alloy at that temperature. This behavior was taken as an 
indication that hydrogen reduced the ability of the metal to 
deform either by slip or by twinning, for if hydrogen did not 
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Interfere with, deformation by twinning, the V-30 Nb alloy 
should have shown greater ductility at -78°C. 
B. Mechanisms Related to the Diffusion of Hydrogen 
The increase in the critical temperature with increase 
in strain rate suggested to the author that the embrittling 
mechanism was related to the diffusion of hydrogen. It was 
indicated previously that both the theory of Cottrell locking 
(13) and Fetch* s theory (30) of hydrogen embrittlement of 
steel refer to the diffusion rate of hydrogen. The theory 
of Cottrell locking was accepted conditionally, and the data 
from the present investigation were used in an attempt to 
prove that the diffusion of hydrogen determined the 
temperature dependence and strain-rate dependence of the 
ductility minimum. 
From a determination of the critical temperature at two 
strain rates, it was possible to calculate the activation 
energy for diffusion of the interstitial atoms. Cottrell 
(14) derived an equation which was used to relate the diffusion 
coefficient of the interstitial atom to the velocity of the 
moving dislocation at the temperature of maximum interaction: 
D is the diffusion coefficient 
where A is the interaction constant 
V is the dislocation velocity 
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It was assumed that the diffusion coefficient of an inter­
stitial follows an Arrhenius equation: 
(2) D s D0 exp(-Q/kT) where Q, is the activation energy 
- - - D0 is a constant 
It was then possible to express the velocity of the moving 
dislocation in this form: 
(3) V = ^ Do e^)(-Q/kT) 
Tensile tests were performed at two strain rates, and it was 
assumed that the ratio of the strain rates determined the 
ratio of the dislocation velocities: 
• * • 
(!}.) Given where £ is the strain rate 
(5) Then e 
The critical temperature for minimum ductility was determined 
at two strain rates, and the data were substituted into 
equation 3: 
(6) *^^Do eapC-Q/kTg) - expC-^/kT^) 
This equation was then rearranged in order to express the 
90 
activation energy in terms of measurable values: 
(7) 6 • (In S - In Ï2) (k  ^TS) 
Tl- -®2 " Il 
The information shown in Figure 26 was used to solve equation 
7, and the data are summarized in Table 9* 
Table 9. Data used to calculate Q, (An activation energy for 
diffusion) 
(kcal. per mole) 
195 168 0.0013 0.083 62.5 10.3 
Although the activation energy for diffusion of hydrogen in 
vanadium is not known, the value of 10.3 kcal. per mole is a 
reasonable value. Hydrogen is the only interstitial atom 
which would be expected to have an activation energy of this 
magnitude. Powers and Doyle (32) reported that the 
activation energies for diffusion of carbon and oxygen in 
vanadium are 27.3 and 29.3 kcal. per mole, respectively. 
The experimental results were interpreted to indicate 
that the ductility minimum occurred in vanadium when the 
diffusion rate of hydrogen and the velocity of moving 
Critical 
temperatures Strain rates N 
éi é2 (42, 
(°K) (per second) 61. 
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dislocations were related as required by equation 1. The 
critical temperature was experimentally observed to increase 
when the strain rate increased, because higher strain rates 
required greater mobility of the hydrogen atoms. However, it 
was indicated previously that Fetch suggested that crack 
propagation in embrittled steel is controlled by the diffusion 
of hydrogen. The next step in the present investigation was 
a careful examination of the experimental results to obtain 
proof that Cottrell locking was the mechanism responsible for 
the ductility transition in vanadium. 
C. Verification of a Cottrell Mechanism 
of Hydrogen Embrittlement 
It is believed that a Cottrell mechanism is verified by 
examination of Figure 48, which was constructed from the data 
given in Tables 6, 7» and 8. The yield stress of vacuum-
annealed vanadium, the yield stress of hydrided vanadium, and 
the fracture stress of vacuum-annealed vanadium are plotted as 
a function of reciprocal temperature. The curve representing 
fracture stress in Figure 48 is actually a curve of necking 
stress, based on the instantaneous area of the specimen. The 
true fracture stress of vacuum-annealed vanadium could not be 
determined accurately, and it was assumed that the true stress 
at necking was a reasonable approximation. 
Figure 1*8. Effect of hydrogen on the yield stress of tensile 
specimens of vanadium 
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As was previously indicated in the literature survey, 
Cottrell locking is accepted as the mechanism which is 
responsible for exceptionally large increases in the upper 
yield point of body-centered-cubic metals at low temperatures. 
It is assumed that all interstitial atoms interact with 
dislocations more strongly at low temperature s • Although the 
literature indicates that hydrogen apparently does not 
increase the yield stress of embrittled steel, the author 
suggests that hydrogen may cause a large increase in the 
yield stress of vanadium.. If tensile tests were performed at 
a series of temperatures under conditions of constant strain 
rate and composition, the yield stress of hydrided vanadium 
should show an anomalous increase in a temperature range 
such that the diffusion constant and dislocation velocity 
most nearly satisfy equation 1. The Increase in the yield 
stress would be largest when the hydrogen atoms and 
dislocations interact most strongly, and under certain 
conditions this might result in brittle behavior of the 
specimen. 
It can be seen from. Figure Zj.8 that the addition of 50 
ppm of hydrogen raised the yield strength of vanadium by 
approximately 25»000 psi at -75°C. The increase in yield 
strength was much less at higher and lower temperatures, with 
an increase of approximately 5,000 psi at -10 and -120°C. 
The experimental data indicated that the ductility minimum 
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occurred at approximately the same temperature as the greatest 
Increase In the yield stress. The data indicated that from 
approximately -50 to -110°C the yield stress of hydrided 
vanadium exceeded the true stress at necking for vacuum-
annealed vanadium. The data shown in Figure Jj8 also 
indicates that additions of 10 and 100 ppm of hydrogen pro­
duced a definite increase in the yield stress In the tempera­
ture range of hydrogen embrittlement. 
It was therefore concluded that hydrogen embrittlement 
of vanadium occurred as the direct result of Cottrell 
locking. In the temperature range of hydrogen embrittlement, 
the yield stress of hydrided vanadium exceeded the fracture 
stress, and brittle fracture resulted. At higher and lower 
temperatures the fracture stress exceeded the yield stress, 
and ductile behavior was observed. The experimental results 
indicated that the transitions from ductile to brittle and 
brittle to ductile behavior occurred over a relatively broad 
temperature range. This was probably the result of differences 
in orientation of the grains in the gauge length of the 
specimen. The yield stress and fracture stress of an 
individual grain are functions of its orientation relative to 
the tensile axis. If hydrogen embrittlement were observed in 
a single crystal, the ductility transition would be expected 
to occur over a narrow temperature range, determined by 
orientation, strain rate, and hydrogen concentration. 
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D. Hydrogen Embrittlement of Niobium end 
Vanadium-Niobium Alloys 
It was shown previously that $0 ppm of hydrogen caused a 
brittle-ductile transition in niobium at «50 1 15°C. Hydrided 
niobium exhibited very little ductility at -196°C, in contrast 
to the behavior of vanadium containing 50 ppm of hydrogen* 
The ductility transition in niobium probably occurred because 
of pronounced Cottrell locking when thé diffusion coefficient 
of hydrogen and the dislocation velocity were related as 
required by equation 1* The tensile data shown in Table 6 
indicates that hydrogen increased the yield stress of niobium 
below the transition temperature, but the increase was not as 
pronounced as in the case of vanadium. Probably hydrided 
niobium failed to regain ductility at lower temperatures 
because of the intrinsic mechanical properties of unalloyed 
niobium. It was shown in Figures 19 and 21 that vacuum-
annealed niobium showed considerable reduction in area but 
very little elongation from approximately -160 to -196°C. It 
is assumed that the effect of an impurity atmosphere is more 
deleterious for niobium than for vanadium in the temperature 
range below the ductility transition. 
The results of bend tests of vanadium-niobium alloys, 
summarized in Figure 14, indicated that 10 ppm of hydrogen 
was sufficient to cause fracture of those alloys which 
contained no less than k.0 weight per cent vanadium. As shown 
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in Table 5, the addition of 35 ppm of hydrogen embrittled a 
V-70 Nb to approximately the same extent as 10 ppm 
embrittled a V-30 Nb alloy. The author is unable to explain 
the differences in behavior of alloys with approximately the 
same hydrogen content, but there was no indication that 
differences in grain size or impurity content caused this 
behavior. 
The results of tensile tests of vanadium-niobium alloys 
containing 10 ppm of hydrogen, shown in Figures 22 to 24» 
indicated that each alloy showed a minimum in the uniform 
elongation curve. However, the V-70 Nb alloy showed only a 
shallow minimum and probably should not be described as 
embrittled. Interpretation of the tensile tests was 
difficult because plastic deformation of the V-30 Nb and V-70 
Nb alloys occurred by both slip and mechanical twinning, with 
the initial deformation occurring by twinning. The tensile 
data shown in Table 6 does not clearly indicate that hydrogen 
increased the twinning stress of either the V-30 Nb or V-70 
Nb alloy in the temperature range of hydrogen embrittlement• 
Hydrogen probably increased the stress necessary to produce 
deformation by slip as predicted by the Cottrell mechanism, 
but this could not be observed under the experimental 
conditions. 
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E. Embrittlement of Sigh-Oxygen and Bomb-Reduced Vanadium 
The theory of Cottrell locking predicts that the 
maximum interaction of interstitial atoms with dislocations 
would occur in a different temperature range for each type 
of interstitial atom. The critical temperature for minimum 
ductility would increase as the diffusion coefficient 
decreased from one type of atom to another. However, tensile 
tests of vacuum-annealed vanadium containing 600 ppm of 
oxygen did not reveal a ductility minimum below 200°G. A 
series of steps in the stress-strain curves were taken as an 
indication of strain-aging from approximately lij.0 to l80°C. 
The maximum effect was observed at approximately 160°C, and 
it is hypothesized that at this temperature the diffusion 
coefficient of oxygen and the velocity of moving 
dislocations were related as required by equation 1. 
Probably a ductility minimum was not observed because it is 
easier for a dislocation to escape from its impurity 
atmosphere at higher temperatures. 
Hydrogen was added to the high-oxygen vanadium, and 
tensile tests were used to investigate the interaction of 
hydrogen and oxygen atoms. It was experimentally observed 
that the additional oxygen did not change the critical 
temperature of the hydrogen effect, and this was taken as an 
indication that oxygen did not Interact strongly with hydrogen. 
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If there were a tendency to fora pairs, the critical 
temperature would probably increase because of the lower 
diffusion coefficient of pairs as compared to unassociated 
atoms. 
At temperatures of approximately 25°C the effect of 
hydrogen on the upper-lower yield point behavior was 
relatively small because the diffusion coefficient was much 
greater than required by equation 1, The effect of oxygen on 
the yield point discontinuity was very pronounced at the 
same temperatures. This probably occurred because the oxygen 
atoms had a lower diffusivity, and the dislocations were 
pulled from a relatively immobile atmosphere of oxygen atoms. 
It has been reported that hydrogen eliminates the upper-lower 
yield point effect in iron. One theory (Zj.Oa) suggests that 
this occurs because hydrogen displaces other interstitials 
from the neighborhood of the active dislocations. Experi­
mental results from the present investigation indicated that 
hydrogen did not eliminate the upper-lower yield point 
produced by oxygen atoms. The yield point behavior of vanadium 
with oxygen and hydrogen additions is summarized in Table 10. 
The author attempted to predict the magnitude of the yield 
point discontinuity by adding the yield point effects 
produced by independently varying the oxygen and hydrogen 
concentrations. However, it is seen that the upper-lower 
yield effect was greater than predicted on the basis of 
Table 10. Yield point behavior of vanadium at 25° C as a function of hydrogen and 
oxygen concentration (Strain rate of 0.008 per minute) 
Upper Lower Experimental Predicted 
Oxygen Hydrogen yield yield value of value of 
cone . cono stress stress UYS - LYS UYS - LYS 
(ppm) (ppm) (psi) (psi) (psi) (psi) 
150 0-2 11,400 (Lower yield point not observed) 
150 50 15,700 15,000 700 (a) 
150 100 16,700 15,100 1,600 (b) 
500 0-2 29,900 27,200 2,700 (cj 
500 50 33,400 29,200 4,200 3,400 (a+o) 
5oo 100 34,200 27,900 6,300 4,300 (b+c) 
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Independent effects. There was no indication that hydrogen 
diminished the yield point effect attributed to oxygen. 
It was indicated previously that vacuum annealing to 
remove hydrogen did not eliminate the occurrence of a 
ductility transition in bomb-reduced vanadium. A brittle-
ductile transition was observed at -120°C, and a recovery 
of ductility at -196°C was not observed. The data in Table 
3 indicated that the carbon and nitrogen impurity levels were 
quite high, in bomb-reduced vanadium, and this is probably the 
cause of the brittle-ductile transition. It was not 
determined if the carbon and nitrogen were present In part as 
a second phase or entirely in solid solution. Other 
investigators reported a brittle-ductile transition in bomb-
reduced vanadium at -6$°Cf but this temperature was probably 
characteristic of hydrogen embrittlement superimposed on the 
effects due to carbon and nitrogen. 
F. Effect of Varying Temperature and Strain Rate 
The author applied the theory of Cottrell locking to the 
problem of hydrogen embrittlement of vanadium under varying 
conditions of temperature and strain rate. It was concluded 
that the ductility of hydrided vanadium may be described by 
two ductility surfaces: 
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Type 1 >° and 
1^ = ii <-j§>T < 0 and 
where the symbols D, r, and T were defined previously as 
ductility, strain rate, and temperature. 
The ductility would follow Type I behavior if the 
dislocation velocity were greater than that required by 
equation 1. An increase in the strain rate would increase 
the dislocation velocity and reduce the interaction between 
hydrogen atoms and dislocations, thus increasing the ductility. 
Increasing the test temperature would cause an increase in 
the diffusion rate of hydrogen, with a resultant increase in 
the interaction between hydrogen atoms and dislocations* 
It follows naturally that the ductility changes would be 
described by Type II behavior if the dislocation velocity were 
less than that required by equation 1. Increasing the 
strain rate would increase the interaction between hydrogen 
atoms and dislocations. An increase in the test temperature 
would decrease the interaction between hydrogen atoms and 
dislocations. 
It must be emphasized that the ductility surfaces 
described above would be applicable only at low temperatures 
and low strain rates. At a very high strain rate, equations 
1 and 6 require that the critical temperature be 
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correspondingly hi^a. Dislocation theory predicts that the 
work necessary to move a dislocation away from an interstitial 
atom decreases as the temperature increases. In the present 
investigation, the embrittlement of vanadium by hydrogen was 
investigated over a limited temperature range, from -196 to 
25°0. The experimental data suggested that the effects 
caused by charging with small amounts of hydrogen would not 
be discernible at temperatures much higher than those 
employed in this investigation. 
G-. Conclusions 
Conclusive evidence has been obtained to show that 
hydrogen is responsible for the ductility transition 
previously observed in iodide vanadium. It has been shown 
that vacuum-annealed vanadium does not undergo a ductility 
transition from -196 to 25°C at a slow strain rate, but the 
addition of 10 ppm of hydrogen is sufficient to produce a 
ductile-brittle-ductile sequence over a characteristic 
temperature range. The detrimental effect of hydrogen was 
described rather generally as hydrogen embrittlement in this 
investigation, but it may also be referred to as low-strain-
rate embrittlement. The latter description is reminiscent of 
the characteristics of hydrogen embrittlement in steel. 
However, the analogy should not be carried too far, because 
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there is at least one important difference between the two 
phenomena. Hydrogen embrittlement is apparently the result 
of an increase in the yield stress in the case of vanadium, 
and the result of decreased fracture stress in the instance of 
steel (21}.). The data obtained from this investigation 
indicate that the interaction of hydrogen atoms and disloca­
tions is strongest in the temperature range of the ductility 
transition. Embrittlement is observed when the upper yield 
stress exceeds the fracture stress of the specimen. In this 
discussion the term hydrogen embrittlement is restricted to 
those cases in which the apparent solubility limit of 
hydrogen was not exceeded. 
The embrittlement of vanadium was evidenced by a minimum 
in the curve of ductility versus temperature, regardless of 
the property employed to represent ductility. Uniform 
elongation, reduction in area, and total elongation in a 
tensile test were observed to reach a minimum at approximately 
the same temperature as the minimum deflection in a bend test. 
The major difference between the shape of the curves for 
reduction in area and uniform elongation was seen to occur at 
temperatures below the ductility minimum. The uniform 
elongation of hydrided vanadium increased considerably from 
-II4.0 to -196°C, but the reduction in area remained relatively 
constant. The results of bend tests indicated that the 
ductility increased from -llj.0 to -196°C for vanadium 
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containing 10 ppm of hydrogen. A curve of uniform elongation 
versus temperature is apparently the most reliable and 
convenient gauge for evaluating the severity of hydrogen 
embrittlement in a particular specimen of vanadium. 
The investigation of the mechanical properties of 
niobium was less extensive than for vanadium, but the data 
gave a satisfactory picture of the brittle-ductile transition 
produced by charging niobium with hydrogen. A mechanism of 
Cottrell locking would predict an increase in the yield 
stress at the brittle-ductile transition temperature, but 
the only apparent increase in the yield stress appeared at 
temperatures somewhat below the ductility transition. The 
relatively low ductility of hydrided niobium at -196°C 
probably occurs because of strong interaction of dislocations 
with a relatively immobile impurity atmosphere. The reason 
why the yield stress was not observed to increase at the 
brittle-duetile transition temperature is not apparent at 
this time. 
As seen from the results of bend tests and tensile tests, 
vacuum-annealed alloys did not exhibit a brittle-ductile 
transition at low strain rates. However, all alloys were 
susceptible to hydrogen embrittlement, characterized by a 
ductility minimum. The bend tests, as summarized in Figure 
14» revealed anomalous behavior of alloys containing 10 ppm 
of hydrogen* The temperature range of fracture varied with 
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composition for alloys containing more than l\.0 weight per cent 
vanadium, but it was found that alloys containing less than 
40 weight per cent vanadium did not fracture. The addition of 
35 ppm of hydrogen to the 7-70 Nb alloy was seen to produce 
a ductile-brittle-duetile sequence similar to that observed 
in high-vanadium alloys containing 10 ppm of hydrogen. 
Ho completely satisfactory mechanism can be proposed at 
this time to explain the ductility minimum observed in the 
tensile test data for the V-l.lj. Nb, V-30 Nb, and V-70 Nb 
alloys containing 10 ppm of hydrogen. It was previously 
indicated that Cottrell locking is probably responsible for 
the ductility transition. The differences in behavior of 
the alloys may be evidence that the hydrogen-dislocation 
interaction energy is a complex function of the alloy com­
position. However, this must be taken as conjecture at the 
present time. 
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VII. SUMMARY 
Bend tests and tensile tests were employed to determine 
the possible existence of a ductility transition in vanadium, 
niobium, and vanadium-niobium alloys. A study was then made 
of the effect of hydrogen on the mechanical properties 
below room temperature. Finally, a mechanism was advanced to 
explain the effect of hydrogen on the mechanical properties. 
The results and conclusions from this investigation are 
summarized as follows: 
1. When hydrogen was removed from the test specimens, 
no ductility transition was observed in iodide vanadium, 
niobium, or their alloys. The addition of 400 ppm of oxygen 
to vanadium generally reduced the ductility but did not 
cause a ductility transition. Low purity, bomb-reduced 
vanadium exhibited a true brittle-ductile transition at -120°C, 
probably caused by nitrogen or carbon impurities. 
2. Hydrogen produced a ductile-brittle-ductile 
transition in vanadium, and it was found that the critical 
temperature for minimum ductility was raised by increasing 
either the hydrogen concentration or the strain rate. A 
critical temperature of approximately -70°C was observed with 
a hydrogen concentration of 50 ppm and a strain rate of 
0.008 per minute. An increase in the oxygen concentration 
was not observed to effect the critical temperature. 
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3. Niobium was susceptible to hydrogen embrittlement, 
but the effect was different than in the case of vanadium. 
Niobium charged with 5>0 ppm of hydrogen exhibited a brittle-
ductile transition at approximately -50 t 15°C with very 
little ductility at -196°C. 
4. All of the alloys were susceptible to hydrogen 
embrittlement, characterized by a ductility minimum, but 
high-vanadium alloys were embrittled to a greater extent 
than low-vanadium alloys. As an example, the addition of 
35 ppm of hydrogen to the V-70 Nb alloy produced a ductile-
brittle-due tile transition similar to that observed in the 
V-lj.0 Nb alloy containing 10 ppm of hydrogen. 
5. It is proposed that Cottrell locking is the 
mechanism responsible for the ductility minimum observed in 
hydrided vanadium. Hydrogen was observed to increase the 
yield stress in the same temperature range as the ductility 
minimum, and the maximum increase occurred at the critical 
temperature. Brittle fracture occurred when the yield 
stress exceeded the fracture stress of the test specimen. 
Probably the same mechanism operated in niobium and vanadium-
niobium alloys, but this was not proved conclusively. 
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